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Abstract

Intergranular attack (IGA) and intergranular stress corrosion cracking (IGSCC) of Alloy 600 in
PWR steam generator environment has been extensively studied for over 30 years without
rendering a clear understanding of the essential mechanisms. The lack of understanding of the
IGSCC mechanism is due to a complex interaction of numerous variables such as microstructure,
thermomechanical processing, strain rate, water chemistry and electrochemical potential.
Hydrogen plays an important role in al these variables. The complexity, however, significantly
hinders a clearer and more fundamental understanding of the mechanism of hydrogen in
enhancing intergranular cracking via whatever mechanism. In this work, an attempt is made to
review the role of hydrogen based on the current understanding of grain boundary structure and
chemistry and intergranular fracture of nickel aloys, effect of hydrogen on electrochemical
behavior of Alloy 600 and Alloy 690 (e.g. the passive film stability, polarization behavior and
open-circuit potential) and effect of hydrogen on PWSCC behavior of Alloy 600 and Alloy 690.
Mechanistic studies on the PWSCC are briefly reviewed. It is concluded that further studies on
the role of hydrogen on intergranular cracking in both inert and primary side environments are
needed. These studies should focus on the correlation of the results obtained at different
laboratories by different methods on materials with different metallurgica and chemica
parameters.
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1. Introduction
Intergranular attack (IGA) and intergranular stress corrosion cracking (IGSCC) of

Alloy 600 in PWR steam generator environment has been extensively studied for over
30 years without rendering a clear understanding of the essential mechanisms [1]. The



lack of understanding of the IGSCC mechanism is due to a complex interaction of
numerous variables such as microstructure, thermomechanical processing, strain rate,
water chemistry and electrochemical potential [1]. As far as the materids are
concerned, most studies have been conducted with commercial aloys, which not only
had heat-to-heat differences in composition but also experienced different
thermomechanical histories. Among many metallurgical and chemical variables that
may influence the behavior of grain boundaries, the grain boundary precipitation, the
segregation of impurities to grain boundary, the depletion of chromium near the grain
boundary and the oxide film stability have received extensive studies. The complexity
significantly hinders a clearer and more fundamental understanding of the mechanism
of hydrogen in enhancing intergranular cracking via whichever mechanism. Further
studies on the role of hydrogen on intergranular cracking in both inert and primary side
environments are needed and should focus on the correlation of the results obtained at
different laboratories by different methods on materials with different metallurgical and
chemical parameters. This review is focused on the role of hydrogen and creep in
assisting intergranular stress corrosion cracking of Alloy 600 and Alloy 690 in nuclear
steam generator primary side environments. A comprehensive review was recently
published on the different submodes of stress corrosion cracking and the influencing
variables from the secondary side [2].

2. Grain boundary structure and chemistry of relevant nickel alloys

Although the chemical composition of Alloy 690 does not differ significantly from that
of Alloy 600, the resulting microstructure and IGA behavior can be very different [3,4].
For instance, Angeliu and Was showed that Alloy 600 type materials exhibited M;C; on
the grain boundary and M-C; and MxCg intergranularly, while Alloy 690 type of
materials only exhibited M»;Cg precipitation [3]. It is also reported that the Alloy 690
type of materials exhibited more Cr depletion than Alloy 600 type on an absolute scale
but less Cr depletion when the comparison was relatively made (e.g. shown by
percentage of Cr depletion). This is consistent with the thermodynamic calculation,
which showed that less severe Cr depletion should be expected with precipitation of
Cr,3Cq than with Cr,C5[5].

2.1 Therole of intergranular carbide precipitations

Bruemmer and Henager assumed that grain boundary carbide precipitation acts as low
energy dislocation sources, producing more homogeneous plastic deformation and
modifying the local stress state [6]. The presence of a semi-continuous array of
intergranular carbides may continuously blunt the crack tip and reduce the SCC crack
propagation. Hertzberg and Was separated the effect of carbon in solution from the
effect of carbon present as grain boundary carbides and demonstrated better resistance
to IGSCC for materials with grain boundary carbides than with carbon in solution [7].

2.2 Effect of grain size
It has been found that coarse-grained Alloy 600 (< ASTM 6) is less susceptible to

IGSCC in high temperature water as compared to fine-grained alloys (>ASTM 8) [8, 9,
10]. Sung and Was found 1G of a simulated Alloy 600 in 360°C high purity water was



dominant for small grain sized samples (30 um) over large grain-sized samples (130
pm)[11]. The effect of small grain size was found to enhance diffusional creep
processes and decrease grain boundary segregation of impurities due to a larger grain
boundary area per unit volume [12]. The effect of hydrogen on cracking of simulated
Alloy 600 materials, however, was found controversial [11, 13, 14]. For small grain-
sized materials (30 um), increasing hydrogen overpressure from 100 KPa to 200 KPa
increased the % of |G by 61%, while for large grain-sized materials (130 micro m), the
% of |G decreased from 13.9% to 6.1%. On the other hand, Symons data for
hydrogen-charged and uncharged Alloy 690 specimens in air showed that aging (TT)
after solution annealing (MA) increased the grain size and grain boundary carbide
precipitation and, therefore, increased the propensity of intergranular cracking [15].

Hydrogen is more effective in embrittling the material when the carbide size and
carbide coverage increased. Aging Alloy 690 increased grain boundary carbide size and
the extent of grain boundary M,3Cgs carbide coverage. Therefore, aging increased the
degree of hydrogen embrittlement of the alloy [15]. The results from fracture toughness
testing showed that Jc decreased by hydrogen charging from about 480 kJ/m? for
uncharged specimens to about 210 kJ/m? for solution annealed materials. For solution
annealed followed by aged materials, Jc was further reduced to 90 kJ/m? [15]. The
morphological study showed that as the hydrogen content increased, the fracture
morphology changed from mainly transgranular ductile fracture for uncharged MA
materials to mainly intergranular brittle cracking for TT charged materials[15].

The two contributing factors explaining the fact that the increased grain size is
responsible for increased hydrogen embrittlement are (i) increased grain size increases
the local stress at the particles, which would result in a lower strain necessary for
decohere the grain boundary/carbide interface, as proposed by Goods and Brown [16];
and (ii) hydrogen is preferentially trapped at the carbide/matrix interface, reducing the
strength of the interface more than at the matrix/matrix interface, as proposed by Y oung
and Scully [17].

2.3 Effect of carbon content

Sung and Was observed that addition of 300 ppm carbon in solution to a controlled
purity Ni-16Cr-9Fe alloy significantly increased the strength and resistance to IGSCC
in 360°C high purity water [11].

The main effect of carbon doping to Ni-16Cr-9Fe type and Ni-30Cr-9Fe type nickel
alloys was found to enhance the formation of the corrosion products, in particular the
Ni(OH),. The carbon-free Alloy 600 was found to have a Cr,Os-rich film. Doping
carbon increased the film thickness from 38 nm to 281 nm with a large amount of
increase in Ni(OH),. In the case of Alloy 690, doping carbon increased the film
thickness dightly from 46 nm to 58 nm with somewhat more Cr and Fe found in the
film [18].



2.4 Effect of chromium content

Increased chromium content up to about 19% in Alloy 600 and Alloy 750 did not
appreciably change their microstructure, such as the grain size and distribution of inter-
and intragranular carbide precipitation, in hydrogenated primary water at 350~360°C
and in steam at 400°C [19]. The mechanical properties were not significantly changed
by the increased chromium content either. However, the increased chromium content
significantly improved the resistance to intergranular SCC in hydrogenated primary
water. On the other hand, the increased Cr content did not significantly improve the
SCC resistance to caustic SCC [19]. It was concluded that the increased resistance to
SCC of Alloy 600 by increasing Cr content could not be attributed to the changes in
microstructure but to the improvement in passive film [19].

Noel et a, by using chronoamperometric method, showed that the increased Cr content
only slightly improved the repassivation ability of the passive film of nickel alloys in
primary water and the improvement seemed to be too small to explain the significant
improvement in PWSCC resistance of Alloy 690 over Alloy 600 [20]. Using CERT and
constant load methodg 18], Angeliu et al [18] showed that in both argon and high purity
hydrogenated water (18 MQ and 16 cc/kg hydrogen, 0.1 MPa, O, < 10 ppb) the
increasing Cr from 5 to 16 to 30 wt% decreased the % of |G fracture. As Cr content
increased, the steady-state creep rate decreased. Extrapolation of the incomplete curves
revealed several orders of magnitude difference in creep rate at same stress level due to
chromium alone. As demonstrated by Angeliu et a on controlled purity N-Cr-Fe low
carbon alloys [21], the effect of chromium is to decrease the creep rate at 360°C as a
result of solid solution strengthening. The soluble carbon has a similar but much
stronger effect. Increased Cr content also increased the thickness of the surface film as
observed by Angeliu et a [18]. Increasing Cr content from 16 to 30 wt% increased the
thickness of the film from 46 nm to 58 nm with an enrichment in Cr,O;. Note that the
role of carbon in thickening surface film isto enrich Ni(OH),, rather than Cr,O5 [18].

2.5 Effect of chromium depletion

The phenomenon of chromium depletion along the grain boundary after grain boundary
carbide precipitation is well known [3, 22, 23, 24]. Norring et al attempted to correlate
the grain boundary microstructure and chemistry with IGSCC of Alloys 600 and 690
[24]. Six different Alloy 600 and Alloy 690 tube materials were tested in hydrogenated
(5.9 kPa, 50ml H./kg H,0) 365°C deaerated (O.< 5 ppb) water by using RUB method.
All Alloy 690 specimens were crack-free even after extremely long exposure time
(>23,000 hours), while most Alloy 600 specimens showed IGSCC after 12, 000 hours
or less. TEM, EDX and Atom Probe results showed that all Alloy 690 exhibited
intergranular and intragranular carbide precipitation of the type M23C6 that were more
or less globular, while The M-Cstype of carbide precipitation was predominant in Alloy
600 in all conditions. Chromium depletion was observed at the grain boundaries both
in Alloy 600 and Alloy 690. In Alloy 690, the Cr-depletion was more pronounced after
TT at 715°C (~ 6%) than in MA condition (~3%). Cr-depletion was found in Alloy 600
with MxC; type of grain boundary precipitation. In Alloy 600 only with M,C3 type
grain boundary precipitation, no Cr-depletion was observed.



2.6 Effect of segregation of impurities

More grain boundary carbides seemed to be detrimental to IGSCC as suggested in the
rising load tests on X-750 in 93°C water with cathodic charging performed by Miglin
and Domain [25] where it was found that the cracking propensity of HTH treated
samples was reversed, suggesting that the role of grain boundary segregation should be
considered.While the IGSCC of Alloy X-750 has been attributed to grain boundary P
segregation [26], Airey found that P present at grain boundary of Alloy 600 following
thermal treatment provided the most resistant structure [27]. Cornet et al showed that
for solution-annealed samples of high purity Ni-Cr-Fe, the addition of P and C tend to
decrease the degree of |G cracking during cathodic charging [28], further supported by
tension tests of precharged samples of high purity Ni-Cr Fe doped with P and heat-
treated so as to segregate P to the grain boundary [4]. Was was able to show that the
ultimate tensile strength increased monotonically with increasing P at the grain
boundary [4]. On the contrary, Caceres et al. found that among P, Si and B added to
Alloy 600, only P segregated to grain boundary after thermal treatment at 704°C for 16
hours and promoted |G fracture when M,C; grain boundary carbides were present [29,
30].

Sung and Was comprehensively studied the role of grain boundary chemistry in pure
water intergranular stress corrosion cracking by using controlled purity Ni-16Cr-9Fe
alloys [11] by performing SCC tests on a series of controlled purity nickel aloysin
360°C high purity water with oxygen < 10 ppb and a conductivity of 0.056 micro S/cm
and hydrogen overpressure of 100 KPa and 200 KPa with a strain rate of 4.2x10°
mm/sec. The authors concluded that high purity alloys showed inherent 1G cracking in
both high purity water and Ar at 360°C, while alloys containing impurities (carbon,
boron and phosphorous) retarded |G cracking possibly due to the lowered diffusivity of
metal caused by impurity segregation to grain boundary. The chromium depletion at
grain boundary was found not to promote |G cracking.

Airey [27] suggested that the beneficial effect of thermal treatment of Alloy 600 at
700°C for 15 hours after MA appeared to be due to the grain boundary segregation of
boron and phosphorous, which retarded grain boundary diffusivity at 300° ~ 400°C,
while low IGSCC susceptibility of Alloy 600 mill annealed at higher temperature (>
1050°C) was attributed to a high carbon content in solution and larger grain size [31].

In Symons’ work on hydrogen effect on mechanical properties of Alloy 690, the author
found that the segregation of sulfur was independent of heat treatment [15]. After MA,
the grain boundary phosphorous segregation was dightly lower for lower P containing
material (0.006 wt%) than higher P containing material (0.013 wt %). However, After
TT, the grain boundary P segregation of the low P containing alloy increased to the
same level as the high P containing aloy’s. In high P containing (about 0.013 wt%)
material, the heat treatment did not affect the grain boundary segregation of P. On the
other hand, Stiller et a observed only small amount of grain boundary P segregation
[32].



2.7 Effect of special grain boundary (SGB)

The coincident site lattice boundary (CSLB) has been shown to affect high temperature
intergranular oxidation [33] and grain boundary carbide density [34]. Cheung et a
showed that the coincident site lattice boundary (CSLB) morphology influenced the
IGSCC behavior of Alloy 600 [35]. A decrease in total fraction of IGSCC in alloys
with enhanced CSLB levels has been observed [36]. The creep rate could be decreased
due to the presence of a high fraction of CSLBs decreased the creep rate [37]. It has
been demonstrated that alloys with CSLBs have a greater (2~ 14 higher) resistance to
IGSCC than the high angle boundariesin all samples tested with the greatest benefit at
low strain (< 15%) [35]. Cheung et a also showed that grain boundary carbide
precipitation is affected by grain boundary energy and grain misorientation angle [35].

3. Effect of Hydrogen on Electrochemical Behavior of Alloy 600 and Alloy 690
3.1 Effect of hydrogen on oxide film stability

A maximum susceptibility to PWSCC generally seems to exist as a function of
hydrogen partial pressure and is near the Ni/NiO equilibrium at the various
temperatures. The primary role of hydrogen partial pressure is to modify the surface
oxide properties (thickness, composition, protectiveness etc). However, the increase in
susceptibility of alloy 600 under cathodic polarization suggested that other hydrogen
related processes must be involved to explain the maximum susceptibility of PWSCC
[38]. The effect of hydrogen on oxide film stability is not well understood.

3.2 Effect of hydrogen overpressure on polarization behavior

Totuska and Szklarska-Smialowska conducted SSRT studied on Alloy 600 in 0.01 M
boron and 0.001 M lithium high temperature water with 0.005 and 0.1 MPa hydrogen
overpressure under controlled potentials [39]. It was found that the anodic current
density was higher under 0.1 MPa than under 0.005 MPa. The open-circuit potential
was about 60 mV more negative for 0.1 MPa than that in 0.005 MPa. The AC
Impedance results showed that the charge transfer resistance, R, was found to be
smaller under 0.1 MPathan that under 0.005 MPa, regardless of the potential applied (-
300 MV (gcom), Ecor @nd +300 MV (gem. Both the fact that above —0.835 V(gug NO
IGSCC occurred and the fact that IGSCC only occurred when there was significant
amount of hydrogen in the aloy suggested that hydrogen was responsible for the
IGSCC.

Vaillant et al conducted electrochemical measurement for Alloy 600 and Alloy 690 in
360°C hydrogenated primary water (2 ppm Li and 1000 ppm B) [40]. It was found that
for hydrogen pressure from 0.02 to 0.12 bar (3 to 23 cc Hy/kg H,0), the corrosion
potentials of Alloy 600 and Alloy 690 were similar to the redox potential on a platinum
wire at 360°C under hydrogen pressure from 0.02 to 2.9 bar (3 to 500 cc/kg), i.e. —0.95
~ -1.07 V (sug), the equilibrium potential of H*/H,. On the potentiokinetic curves, the
first peak corresponding to Ni — NiO and Fe;O, — Fe,O3 and a passive region (150
mV) were about two times lower for Alloy 690 than for Alloy 600. The potentials for
the second peak corresponding to Cr,0; — CrO,* and NiO —NizO, were found to be



higher for Alloy 690 than for Alloy 600. When the hydrogen pressure was increased,
the current densities increased due to the oxidation current of H, and the peaks were
less distinct. By current transient method, the authors found that increasing hydrogen
pressure from 0.02 to 0.12 bar increased the repassivation kinetics by a factor of 2. The
repassivation kinetics on Alloy 690 was dlightly higher than that on Alloy 600.

3.3 Effect of hydrogen on open-circuit potential

Sung and Was monitored the electrochemical potential of the Ni-16Cr-9Fe samples
with different grain boundary chemistry in 360°C high purity water [11]. No significant
difference in electrochemical potential due to different impurities was observed.
Increasing hydrogen overpressure from 100 KPato 200 KPa changed the potential from
60 mV to 72 mV as verses a Pt reference electrode. Totuska et al reported that in
350°C simulated primary water with 100 K Pa hydrogen overpressure, the potential of a
commercial Alloy 600 was ranging from —22 mV to 14 mV as measured by a Pt
reference electrode [41].

4. Effect of hydrogen on PWSCC behavior of Alloy 600 and Alloy 690

Uniaxia tensile and compact tension (for Jc) tests on uncharged and hydrogen-charged
MA and TT Alloy 690 specimens showed that hydrogen had only a dlight effect on the
yield strength of the materials but has a significant effect on other mechanical
properties such as reduction in area at failure [15]. Hydrogen charging significantly
decreased the reduction in area.

It has been shown that hydrogen can accelerate or induce IGSCC in Alloy 600 [10, 39
42, 43, 44]. Alloy 600 containing a high density of intergranular carbides were less
susceptible to IGSCC in hydrogen-containing water than those with fewer grain
boundary carbides [10, 45, 46]. On the other hand, it has been reported that in Alloy
690, hydrogen contents of over 0.24 MPa (3.8 ppm) in high purity high temperature
water have failed to induce any 1G cracking regardless of the distribution of carbidesin
the matrix or on the grain boundary [11].

Airey examined the effect of dissolved hydrogen on SCC of Alloy 600 tubes in 360°C
water by RUB testing with and without the dissolved hydrogen content of 42 cc/kg by
maintaining a hydrogen overpressure of 35 psig [47]. In presence of hydrogen, all MA
materials were cracked within 1500 hours. 60 % of MA materials cracked after 9000
hours without hydrogen. None of the TT materials were cracked in either hydrogen-
contained or non-hydrogen contained environments. 1n 360°C water and 400°C steam,
an increase in hydrogen partial pressure from 6.9 KPa (42 cc/kg) to 34.5 KPa (210
cc/kg) decreased the time-to-failure by a factor of 6 for one heat of the materials [48].
Bandy and Van Rooyen tested nine heats of Alloy 600 in 365°C water with and without
hydrogen. In the absence of hydrogen only 2% of the specimens cracked after 12 weeks
of exposure whereas 83% of specimens cracked when the environment contained about
35 cc/kg hydrogen [49]. Not only hydrogen increased the number of crack but also
increased the crack growth rate as evidenced by SSRT tests. The estimated crack
growth rate in the presence of hydrogen was approximately 10° mmv/s.



4.1 Hydrogen content in the specimens

It was evident that a high hydrogen concentration did not suffice to cause cracking if no
complex triaxial stress state or cold working zone is present.

Analysis of hydrogen contents in specimens exposed in high temperature water with
different levels of hydrogen overpressure showed that in general the hydrogen content
of the SSRT specimens increased with hydrogen partial pressure even in the unstrained
portion of the specimens but in the strained portion hydrogen content is always much
higher than that in unstrained portion of the specimens [43]. The hydrogen content in
the specimens exposed for longer than 100 hours were found independent of the
hydrogen overpressure applied. Totuska et al. concluded that (1) hydrogen is absorbed
by the alloy not only from the water dissolved hydrogen gas but also from water
molecules as well which probably occurs via their dissociative absorption on the alloy
surface and (2) after 100 hours exposure, a steady-state is established between the H
adsorbed on the surface and the H dissolved in the alloy [43]. A noticeable observation
isthat, despite the high hydrogen concentration in smooth SSRT specimens, no IGSCC
was observed [43].

To differentiate the mechanisms by “pure” hydrogen embrittlement and by a combined
effects of hydrogen, corrosion and plasticity, Noel et a performed fast strain rate CERT
tests on Alloy 600 in 360°C primary water after open-circuit potential exposure for 100
hours or cathodic charging at E. = Eqor - 320 mV [20]. The strain rate was chosen in the
range of from 10 to 6x10° s, at which the authors believed that SCC could not occur
but room temperature hydrogen embrittlement was possible.  No reduction in
elongation or cracking was observed. The post-test hydrogen analysis showed that no or
little hydrogen was present in the pre-charged CERT specimens, while the hydrogen
content in SSRT was higher at all potentials. The SSRT tests were also performed on
Alloy 690 at E,, and E.,, — 320 mV. No effect of cathodic potential on Alloy 690 was
observed [2D Thisis consistent with the results of Magnin et a [ 50] who measured the
hydrogen content in the specimens of Alloy 600 (MA) after unstressed cathodic
charging (100) and SSRT at E., (700 hours) and E., — 320 mV (400 hours). While
the hydrogen content was found much higher in SSRT specimens than unstressed
specimens, increasing cathodic polarization did not further increased the hydrogen
content in the SSRT specimens.

Table 1 summarizes some of the results reported by different authors for their work
done with different ways of hydrogen charging and different strain states of the
specimens while charging.

4.2 Effects of stress and strain states on hydrogen ingress

Intergranular cracks primarily initiate and develop at locations where a complex state of
high stress and strain exists[10, 1h



Symons demonstrated the importance of a complicated stress state to hydrogen
embrittlement in Alloy 690 [15]. Whilein tensile testing 38 ppm hydrogen appeared to
be sufficient to embrittle many grain boundaries and additional hydrogen only embirittle
some of the remaining “stronger” grain boundaries, in fracture-toughness specimens,
the 38 ppm hydrogen caused almost 100% intergranular cracking for aged specimens
due to the much higher hydrostatic stress in the compact tension specimen than in the
tensile specimen. According to Symons, embrittlement due to hydrogen increases as the
materials are aged to allow grain boundary carbide precipitation. Increased hydrogen at
the carbide/matrix interface due to trapping and increased stress at the precipitation
interface, which developed from strain incompatibility of the precipitate with the
matrix. Increasing hydrostatic stress increases the tendency for intergranular cracking
[15].

Table 1 The hydrogen content in specimens under various charging methods

Materials Specimen Type Charging Method Hydrogen | Ref.
Content,
ppm
Alloy 600 (MA) | Unstressed (asreceived) | Cathodic charging for | 2.9 50
100 hours
Unstressed Cathodic charging for | 2.9~6.2
(electropolished) 100 hours
SSRT SSRT for 700 hours 79~127
SSRT Cathodic charging at | 7.8~11.0
Ecorr —320 mv
Alloy 600 (MA | Unstressed (asreceived) | No charging 24 20
orTT) SSRT (107 s Ecorr 79~127
SSRT (107 s Cathodic charging at | 7.8~11.0
Ecorr —320 mv
CERT (4x10™*sh) After Cathodic pre- | 2.9
charging for 100 hours
ours
CERT (10° s (for | After cathodic pre- | 6.2
electropolished charging for 100 hours
sampl es)
CERT (6x10° s1) (for | After cathodic pre- | 2.9
electropolished charging for 100 hours
sampl es)
Alloy 690 (MA) | Uniaxia tensileand CT | Gaseous, 13 MPa 38 15
Gaseous, 34 MPa 59.5
Alloy 690 (TT) Uniaxia tensileand CT | Gaseous, 13 MPa 375
Gaseous, 34 MPa 61
Alloy 600 (MA) | SSRT (5x107 s%), cold- | 0.005 and 0.1 MPa | 30 43
worked overpressure  without
precharging

Cox and Low experimentally showed that increasing the particle size or increasing
hydrostatic stress of steel decreased the strain required to nucleate voids [51]. Goods
and Brown [16] developed models to void formation. Their models predict that an
increase in particle size would increase the local stress at the particles, resulting an



easier decohesion of the grain boundary/particle (e.g. carbides) interface. Increasing the
hydrostatic stress would increase the local stress as well and resultsin alower strain for
decohesion.

The enrichment of hydrogen has been quantitatively related to the increased hydrostatic
stress as described by the following equation [52]:

cy =C 7nV
H =CHo o

where C is the local hydrogen concentration, Cyy is the hydrogen concentration in the
unstressed region, oy is the hydrostatic stress, V is the partial molar volume of
hydrogen, R, the universal gas constant and T, the absolute temperature in Kelvin.

4.3 Effect of cathodic polarization

Noel et al compared the crack length and crack growth rates of Alloys 600 and 690 in
argon and primary water by SSRT at E, -80 mV and -320 mV (both versus E,;)[20].
For Alloy 600, the authors found that the maximum crack length was 70 um at E,,, and
400 um at cathodic polarization. The cathodic polarization at —320 mV increased the
crack growth rate of Alloy 600 from 0.1 umvhr at - 80 mV to 1.0 um/h.

Magnin et al conducted interrupted CERT and constant load testing on Alloy 600 (MA)
in 360°C primary water (2 ppm Li + 1000 ppm B) with 0.13 bar hydrogen overpressure
under different cathodic potential (Eqorr t0 Egor — 320 mV) [53]. After 3 % of plastic
straining, cracks were initiated under al cathodic potential conditions. No effect of
cathodic potential was observed. However, when the crack growth rate was measured
at astrain rate of 107 s, it was found that the CGR increased by a factor of 2 ~ 5 when
a cathodic potential was applied as compared to the crack growth rate at E,,,. The crack
growth rate reached a limit value close to 0.5 um/h when the potential fell below Eg; -
80 mV. Increasing the strain rate to 2.5x10" s* (the rapid straining) increased the
crack growth rate to 8 ~15 time higher than the crack growth rate obtained at slow
strain condition. Compared to Ar data, the elongation to failure at E.,, dightly
decreased whereas all mechanical properties were strongly influenced by cathodic
polarization. The crack depth was 70 um at E.,,, and 400 um when a cathodic potential
was applied. The crack growth rate was increased from 0.1 um/h at E.,, to about 1.0
um/h at cathodic potential. However, the crack growth rate at Eqo — 30 mV, Egy — 80
mV and E.,, — 320 mV did not vary significantly.

Totuska and Szklarska-Smialowska conducted SSRT studies on Alloy 600 in 0.01 M
boron and 0.001 M lithium high temperature water with 0.005 and 0.1 MPa hydrogen
overpressure under controlled potentials [39]. It was found that the IGSCC of Alloy
600 only occurred at potential more negative than a certain threshold value of potential
depending on hydrogen overpressure. At 0.1 MPa hydrogen overpressure, the threshold

10



potential was 100 mV more negative than E.,,, which, converted to SHE, was about —
0.835V (s

5. Mechanistic studies on PWSCC

In spite of numerous studies performed on the subject of primary water stress corrosion
cracking of Alloys 600 and 690 during the past 30 years, the mechanism by which the
cracking occurs is gill a matter of debate. Historically, SCC has generally been
explained either by the classical dip-step dissolution model or by hydrogen
embrittlement mechanism. According to Noel et a [20], the classical SCC theories
cannot account for all the phenomena observed in PWSCC of nickel alloys. Other
hypothesis have been proposed to explain the recently observed experimental results.
For example, Angeliu et al proposed that a brittle rupture occurs due to a localized
modification of plasticity by interaction between corrosion and hydrogen [54]. Scott
and Le Calvar proposed the internal oxidation mechanism [55]. Mechanisms involving
creep damage have also been proposed [56, 57, 58].

5.1 Sip-Sep Dissolution

The dlip-step dissolution model relates the crack advance to the local strain rate that
exposes bare metal surface followed by dissolution of the metal. Any factors that
enhance SCC are expected to enhance either the metal dissolution rate or strain rate.
The application of slip-step dissolution mechanism to |G cracking of Alloy 600 in PWR
water environments is questionable because 1G cracking has been shown to be
unaffected by chromium depletion [59] and higher solution conductivity [49]. Contrary
to BWR experience, the susceptibility of Alloy 600 to IGSCC in PWR environments
increases as the corrosion potential decreases, either by increasing the hydrogen content
of the water or by decreasing the applied potentia [13, 39, 43]. Moreover, the
detrimental effect of hydrogen overpressure on SCC of Alloy 600 in primary water
environments is not due to an increase in dissolution via a destabilization of the film as
demonstrated by Noel et a [20]. Moreover, the cathodic polarization drasticaly
increases the cracking [20]. Therefore, the dissolution mechanism seems not to be
supported by the experimental observations.

5.2 Hydrogen Embrittlement

The conventional hydrogen embrittlement relies on several sub-processes where
hydrogen ingresses into the metal surface and induces either a higher local stress or a
lower lattice cohesion energy. Hydrogen may also locally enhance the plasticity of the
materials. The enhanced cracking under cathodic polarization clearly implies arole of
hydrogen in SCC of nickel alloysin primary water. However, as shown by Totsuka and
Szklarska-Smialowska [39, 43], the hydrogen content is not higher under a cathodic
potential than at E.,,. Moreover, it has been shown difficult to induce embrittlement of
Alloy 600 in primary water when straining at intermediate range after sufficient
cathodic charging at 360°C. The absorption of hydrogen under these conditions still
needs more experimental support.
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5.3 Corrosion Enhanced Plasticity

Rios et a [60] and Magnin et a [50, 5B proposed a corrosion -enhanced plasticity
model in order to account for the strong interactions between corrosion and local crack
tip plastic conditions and the experimental evidence of an elementary cracking event at
the scale of 1 um. It is based on a local softening at the very crack tip and on the
formation of a dislocation pile-up on a microstructural obstacle at some distance from
the crack tip. It takes account of the generation of vacancies and hydrogen due to
localized anodic dissolution and cathodic reactions at crack tips. The successive stages
of the model are summarized in [53]. Any factor that enhances the local plasticity at
crack tip will enhance the susceptibility of materials to SCC. Experimentally, SCC of
Alloy 600 in primary water is predominantly of intergranular and discontinuous in
nature. To further confirm the model, more crystallographic orientation related work
needs to be done, particularly on precipitation-free single crystalline nickel aloys
where the only possible obstacles are dislocation junctions or tangles.

5.4 Internal Oxidation

The internal oxidation mechanism is linked to oxygen penetration at the grain boundary
and embrittlement may result either from CO, bubbles, from the formation of a brittle
intergranular oxide or from the presence of an oxygen film. The model predicts a strong
dependence on the potential. When the potential is too low, oxidation is not possible
while when it is too high, a compact oxide grows and prevents further oxygen diffusion
and oxidation [55]. Therefore, according to the theory, cracking should only occur on a
narrow range of potential near Ni/NiO equilibrium. However, data showing an
increased cracking growth rate at the potential well below the Ni/NiO equilibrium
potential, where the oxygen activity decreased, has been reported to disapprove the
theory [20]. Moreover, the diffusion coefficient of oxygen is higher at grain boundary
than in the bulk material. The internal oxidation should be localized at grain boundary.
The observation of transgranular cracking on Alloy 600 in primary water indicates that
grain boundaries are not necessary for crack propagation [53]. Therefore, at least the
crack propagation mechanism does not involve an internal oxidation process.

5.5 Creep Damage

All proposed SCC mechanism involves plastic deformation. Parkins advocated that the
synergistic effects of time-dependent corrosion reactions and microplastic strain
explained why the strain rate, as opposed to the stress, often is the controlling parameter
in determining whether or not cracking will occur [61]. Early in 1971, Lee and
Vermilyea sought to examine the mechanical deformation of Alloy 600, recognizing
that creep processes might contributing to intergranular stress corrosion cracking [62].

Attempts have been made to establish links between the strain rate, creep rate and IG
fracture behavior [56, 57, 58]. Although the operating temperatures are relatively low
on a homogeneous temperature scale, dislocation creep of nickel alloys at temperatures
as low as 0.3 T, can be expected based on the deformation-mechanism map for Ni-
20Cr dloy [63]. The effect of primary water on creep has been studied on industrial
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Alloy 600 and Alloy 690 [56, 58] and on controlled-purity nickel aloy with 16%
chromium [54].

The consideration that creep might play an important role in IGSCC of nickd alloysin
primary water is based on several experimental observations. These observations
include: (1) cold work accelerated IGSCC, (2) increased chromium content was
beneficial to IGSCC resistance, (3) grain boundary carbide precipitations were
beneficial to IGSCC resistance, (4) the creep rate is comparable to IGSCC growth rate,
(5) factors that enhance IGSCC such as small grain size, higher intragranular carbide
precipitation, low grain boundary carbide coverage and cold work etc also enhance
creep, (6) the intergranular fractured surface in Ar exhibited micro voids, a typica
morphology of creep, (7) both IGSCC in primary water and diffusional creep are
thermally activated processes and the activation energies for 1G cracking and creep are
comparable, and (8) both creep and primary water IGSCC are retarded by impurity
segregation to grain boundary.

The creep damage mechanism proposed by Angeliu et a [54] considers the
intergranular cracking as the result of creep void nucleation and growth at grain
boundary. Studies on controlled purity nickel alloys supported this hypothesis and
found that water is not necessary to induce |G cracking but could enhance it by
increasing the dislocation mobility at the vicinity of grain boundary, probably through
hydrogen.

5.6 Grain Boundary Siding (GBS)

The presence of grain boundary sliding in mill-annealed and thermally treated Alloy
600 specimens [56] and the difficulties in correlating macroscopic creep rate with the
observed IGSCC growth rate [40] led to the proposal that 1G cracking could be
explained in terms of the |G strain rate (GBS rate) rather than the macroscopic strain
rate [21, 40 58 The amount of creep strain resulting from grain boundary cavitation
(GBC), grain boundary dliding (GBS) and the matrix creep deformation can be
determined for the material crept to failure under constant loading. The parameters
required to calculate the sliding and cavitational strain can be obtained by using SEM as
developed by Angeliu and Was[21].

Vaillant et al, by conducting a series of electrochemical tests and creep tests for Alloy
600 and Alloy 690 with a range of microstructures and mechanical properties in both
MA and TT conditionsin 360°C hydrogenated primary water, attempted to correlate the
crack growth rate (da/dt) and the time-to-initiate cracking to the intergranular viscosity,
n, assuming the model of viscous GBS applies [40]. According to the authors, the
intergranular viscosity can be expressed as:

(4ba}
n={——
TS
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where o is the true stress and 2b = 5x10™° m is the thickness of the grain boundary. S
isthe GBSrate.

The contribution of GBS to the macroscopic creep strain, A, defined as:

_ €GBS _ 2S
& nde

A

where d is the grain size, was investigated by Vaillant et a and was found to be a
decreasing function of grain boundary coverage for Alloy 600 and Alloy 690 (MA and
TT). The authors obtained that
(_ Gscj
A=exp
hi

with the constant h; = 0.04 for Alloy 600 and = 0.08 for Alloy 690 [40]. For same
material, the authors found that A (the contribution of GBS to overall creep) was lower
for TT materias than for MA materials. This is because TT decreases GBS but
increases the macroscopic creep. A relationship between intergranular viscosity, n,
creep parameter, k, grain boundary coverage, GBC, grain size, d, and materials constant
C; was established as:

5.7 Correlation between creep, GBS and SCC

Attempts have been made to correlate the SCC susceptibility and creep rate in at least
some metallurgical conditions [54, 64]. These authors reported that the creep of the
nickel alloysin primary water could be enhanced by a factor of 2 —10 and attributed this
enhancement to the introduction of vacancies and/or hydrogen into the materials.
Several studies have shown the significance of grain boundary dliding (GBS) in typical
creep testing [54, 65, 66]. Thermal treatment at 700°C has been shown to decrease GBS
probably by increasing the amount of grain boundary carbide. Kergaravat et al showed,
by using CERT method, a correlation between GBS and SCC susceptibility of solution-
annealed Alloy 600 and Alloy 690 [66].

The primary water dightly decreased the contribution of strain, for high purity 16% Cr
nickel alloy, due to GBS in the total deformation but did not reduced the GBS rate [5k
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Noel et a performed creep tests for Alloys 600 and 690 in primary water in order to
establish a correlation between the creep behavior and SCC susceptibility of the
materials [20]. An empirical relationship between the macroscopic strain, yield stress,
creep factor (k) and time (t) was developed as:

0.86
) o-YS —047 180,000
&=k x t x exp| —
YS RT

The effects of intergranular carbides and intragranular carbides on creep behavior were
identified [20]. For Alloy 600 in both MA and TT conditions, generally the higher the
intergranular carbide precipitation, the higher the creep rate. The intragranular carbide
precipitation was also found detrimental to creep resistance. It was aso found that the
thermal treatment at 700°C increased the susceptibility of Alloy 600 to cregp by an
order of magnitude. Comparing Alloy 690 and Alloy 600, it was found that for a given
carbide precipitation, the creep factor, k, is generally lower for Alloy 690 TT than for
Alloy 600. A correlation was found valid between the time to cracking for RUB testing
and the creep factor, k for Alloy 600 MA, i.e. the higher the creep rate, the higher the
SCC susceptibility. However, the correlation did not hold for Alloy 600 TT. Between
325 to 400°C, the activation energy for creep was found to be 180 kJ mol™ for Alloy
600 under 650 MPa, which was believed in the range of the accepted activation energy
of SCC (30 ~ 45 kcal mol™ or 130 ~ 190 kJ mol™). The attempt to correlate creep factor
to SCC timeto failurein RUB tests only led to marginal success.

Yi et a conducted the constant load creep tests on Alloy 600 (MA), alow carbon alloy
A600LC, and two precipitation strengthened alloys, 625 and X-750 in hydrogenated
water from 337~ 360°C [67]. The Alloy 600 was mill annealed at 1100°C and cooled in
air, resulting in discrete carbides precipitated on grain boundary and in the matrix. The
room temperature pH of the test solution was 10.1 ~ 10.3. The hydrogen overpressure
used was 20 ~ 25 psi (40 ~ 60 cc H./kg H,0). The stress dependence of creep in Alloy
600 MA in 337° and 360°C primary water was clearly shown. As temperature increased
from 337° to 360°C, the average creep rate increased by a factor of 3 ~ 10. Over the
temperature range from 337° to 360°C and a stress range from 84 to 87 psi, the
activation energy for creep of Alloy 600 MA was found to be 64.6 kcal/mol. The high
activation energy and stress exponent of the power law relationship for creep of Alloy
600 MA in high temperature water indicates that a dominant creep mechanism for
Alloy 600 MA in high temperature primary water should be climb-controlled
dislocation creep [12, 67].

Attempts made to correlate creep and IGSCC of nickel alloysin high temperature water
are not unanimously successful [18, 20, 40 67]. While Angeliu et a showed, for
Inconel 600 type aloys, a strong correlation between IGSCC susceptibility using
CERT tests in water and the steady-state creep rate in air [18], Boursier et a found that
the correlation between creep and IGSCC was hot clear for commercial alloys[64]. Yi
et al, based upon the fractographic examinations, suggested that intergranular cracking
of Alloy 600 be possibly induced by creep, following the processes that the
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intergranular cracking is initiated at the surface and propagated into the bulk of the
specimens. The growth of the IG cracks induced by creep results in a rapid local
reduction of cross-section area of the specimen, which increases the true stress [67].
When the true stress exceeds the UTS of the material, necking begins and the specimen
fails[67].

In the work of Vaillant et al on Alloy 600 and Alloy 690 in 360°C hydrogenated
primary water [40], a relationship between the time-to-initiate crack as measured by
RUB specimen and the intergranular viscosity (n) as calculated from GBC, grain size
and macroscopic creep parameter, k, was established for Alloy 600 as:

_ -2 057
tipit =3.07x10 "7

No relationship was established for Alloy 690 since Alloy 690 did not crack as tested
by RUB specimens. The authors concluded that GBS was not the most significant
parameter to describe the initiation of SCC of nickel alloys[40].

However, a strong correlation between crack growth rate, da/dt, as obtained from
CERT tests, and the intergranular viscosity, 1, was established for both Alloy 600 and
Alloy 690 in both MA and TT conditions [40]:

da _
= -571x10% n 0.76

dt

As GBS (or 1/n) was decreased by high GBC and increased by creep factor k, the slow
crack growth rate as obtained by CERT changed correspondingly.

+ 600 MA
m 600 TT
14 o 690 MA
o 690 TT 01+
1 =5.7110' ™"
v da/dt
Alloy ;;6' .. (um/h)
001t
001 +
Q919 | 0000 [ececcecectrecccncaccenicccciianccconsnat\gernnnn
dﬂm.lou limit
(10 pm in 2000 ) o
0.001 + + }
0 10 20 30 40 0.001 : ! ! ! .
Sl 10 10 10 10 10
7 (MPa.s)
(€) (b)

Figure 2 The contribution of GBS to creep strain (A) as a function of grain boundary
coverage (GBC) (a) and the correlation between the slow crack growth rate in PWSCC
(by CERT) at 360°C and the grain boundary viscosity, 1 (b) [40]
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Figure 2 (a) and (b) show the GBS contribution to creep strain () as a function of the
grain boundary coverage (GBC) and the correlation between IGSCC growth rate (da/dt)
and intergranular viscosity (n) (b), respectively, for Alloy 600 (MA and TT) and Alloy
690 (MA and TT) obtained by the method developed by Vaillant et al [40].

6. Concluding remarks

The lack of understanding of the IGSCC mechanism is due to a complex interaction of
numerous variables such as microstructure, thermomechanical processing, strain rate,
water chemistry and electrochemical potential. Hydrogen plays an important role in all
these variables which individually or synergistically affect the susceptibility of Alloys
600 and 690 to IGSCC. This complexity significantly hinders a clearer and more
fundamental understanding of the mechanism by which hydrogen promotes IGSCC. It
is apparent that after more than 40 intensive years of laboratory testing, observations of
tubing removed from operating steam generators and in-plant monitoring of crack
propagation we still cannot tell the actual mechanism by which hydrogen interacts with
the microstructure of the alloy and its correlation to plastic deformation mechanisms.
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